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Grain boundaries (GBs) are not static structures during shock loading, despite the short timescales. We present a mechanistic
explanation for why non-coherent X3 GBs are particularly mobile, due to their consisting of coherent twin boundaries every third
(111) glide plane, separated by incoherent twin boundary segments with three Shockley partial dislocations that can readily glide
into either grain. Asymmetric GBs with such structures can thus move in response to the elastic driving force provided by uniaxial
compression. We present large-scale molecular dynamic simulations that illustrate this mechanism, which explains the ¥£3 GB

faceting recently observed in shock-recovered copper multi-crystals.
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1. Introduction Plastic deformation in metals is nor-
mally associated with the formation and motion of line
defects (dislocations) within crystalline lattices, and the
interaction of these dislocations with different constituent
microstructural features, such as grain boundaries (GBs)
in polycrystalline metals.[1] In general, accommodate
the crystallographic orientation difference of the adjacent
crystals.[2] Flat GBs can move when subjected to a ther-
modynamic driving force resulting from the volumetric
free energy difference (pressure) across that interface due
to crystal anisotropy (elastic, plastic and/or magnetic).[3]
Recently, moreover, stress-driven grain coarsening —
and therefore stress-driven GB motion — in nanocrys-
talline metals is thought to result from the high applied
stresses which can be achieved due to the high yield
and flow stresses of these nanostructured materials.[4]
Under dynamic loading conditions such as shock com-
pression, materials can be subjected to extreme stresses
of tens to hundreds of GPa (or greater) for durations
of nano- to microseconds.[5—7] As the shock pressure
increases, the material behind (or even at) the shock
front can be progressively driven through regimes of

dislocation activation [8] and nucleation,[9,10] poly-
morphic (solid—solid) phase transitions, if any,[11,12]
and eventually shock melting.[13] While dislocation-
mediated plastic deformation during shock compression
and release, including subsequent material failure, has
been extensively studied,[5,6,14—16] it has generally
been assumed that the short timescales involved limit the
role of GBs to mechanically driven GB-mediated defor-
mation processes, and that the GB network itself does not
have sufficient time to respond to dynamic loading.
Conventional plasticity models for dynamic load-
ing conditions describe the plastic response in terms
of dislocation generation and motion within grains and,
when treated at all, the effect that GBs have as dis-
location sources or sinks and in hindering dislocation
transmission. The structure and possible mobility of GBs,
however, have thus far been neglected. Recent examina-
tions of the localization of voids after spall loading signify
that the standard geometric descriptors of dislocation-
based mechanisms (e.g. Schmid factors) cannot explain
the reduced propensity for failure at X3 disoriented
interfaces.[17,18] This statistical analysis indicates the
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importance that the atomistic GB structure can have upon
the resulting macroscopic deformation behavior. The
mechanistic origin, however, remains elusive, although
the kinetic signatures (critical stress state, energy bar-
rier and its stress/strain dependence) of the deformation
mechanism should be intimately linked to the interface
structure, which will be special for general X3 GBs.
Perez-Bergquist et al. [19] have used gas gun experi-
ments with soft (post-shock sample) recovery to examine
the response of a large-grain copper multi-crystal sam-
ple to shock loading, where the shock front travels along
the columnar GB planes. Using transmission electron
microscopy to compare the as-prepared and post-shock
structures of a non-coherent asymmetric £3 GB reveals
that shock loading induces a faceting of this GB, with
steps on the order of 50 — 100nm. In this letter, we
suggest a mechanistic explanation for this faceting, and
explain why asymmetric 3 GBs can in fact be mobile
under shock-loading conditions. Atomistic simulation
results are presented to demonstrate this mechanism.

2. Method We utilize the Large-scale Atomic/
Molecular Massively Parallel Simulator (LAMMPS)
code [20] to perform large-scale classical molecular
dynamics (MD) simulations to study the structure and
shock response dynamics of copper bicrystals contain-
ing an asymmetric £3 GBs with GB normal direction
n=1[101]z || [11 4], in the upper grain B and lower
grain 4. Our sample contains ~ 1.5 x 10% atoms in a
189 nm(x) x 53 nm(y) x 185 nm(z) geometry, where the
GB lies in the xy plane. Periodic boundary conditions are
applied in the y direction, but not in the x shock direction

Figure 1.

orinthe z GB normal direction, to avoid introducing a sec-
ond (generally higher energy) GB there. Instead, atoms
in the resulting £z free surface regions are constrained to
move according to the forces in the x and y directions, but
not in z, in order to maintain uniaxial strain loading.[21]
The initial interface structure is generated by an itera-
tive relaxation procedure to minimize the GB energy,
by deleting atoms which are too close to each other and
by rigidly shifting the grains in directions parallel to the
interface plane. After rescaling the resulting 0 K structure
to account for thermal expansion to the equilibrium lat-
tice constant at 300 K, the model is equilibrated to 300 K
and zero stress by Langevin dynamics. A shock is then
introduced by a 2 nm thick piston region which moves at
an imposed velocity u, = 250 or 300 m/s, which deter-
mines the particle velocity u, behind the shock front.
The stresses are computed from the atomic virial stresses
with the equilibrium atomic volume. The defect struc-
tures are identified by the common neighbor analysis
(CNA),[22] as implemented in LAMMPS where 1, 2, 3
and 4 correspond to local FCC, hexagonal closed packed
(HCP), body centered cubic, icosohedral and unknown
structures, respectively.

3. Interface Structure Interface dislocations — and
therefore interface structure —can be geometrically moti-
vated from the crystallography of the so-called dichro-
matic pattern (DCP),[23] which visualizes the union
of the two disoriented lattices in which each individ-
ual lattice has a unique label or color. The X3 (twin)
disorientation grains in FCC crystals in particular can
be described by the rotation operation: 60° around a
(11 1) crystal axis, or equivalently via symmetry, & 70°

{b)
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(color online) (a) Structural model of a non-coherent £3 GB in face centered cubic (FCC) crystals. The dashed blue plane

indicates the GB normal. The red area represents the coherent twin planes, which are perpendicular to the rotation axis € = [1 1 1]
(black double-headed arrow) with the rotation angle w = 60°. Black lines with partial Burgers vectors by, by, and b3 illustrate the
GB dislocations; each array of these partial dislocations an ‘incoherent’ twin boundary. The line direction of the GB dislocation is
indicated by the orange arrow &. (b) Cross section of the structural model for different times (left to right), when the interface is
subjected to shock loading. The directionality of the motion depends on the thermodynamic driving force. (For details, the reader

is referred to the text.)
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Figure2. (coloronline) Atomic modelsofthe £3 (2 = [111],w = 60°) GB structure in FCC Cu for different GB normal directions
n || z in lower grain 4 and upper grain B (from left to right): (a) and (a") [1 2 11g || [7 1 2]4; (b) and (b') [3 521 || [6 1 114; ()
and (¢)[34 11 | [510]4;(d)and (d)[10 1]z || [114]4; (e)and (e') [312] || [213]4. From (a) to (), the inclination of the
GB normal direction with respect to the coherent 3 GB orientation (indicated by the solid black line in (a’)~(¢’)) decreases. In the
upper rows (a)—(e), the atoms are colored according to the distance (z component & GB normal direction) to the closest atom in
an extension of the lower lattice (blue = —0.5A, green = 0A, red = 0.5A), whereas in the lower rows (a’)}—(¢), atoms are colored
according to the local crystalline structure (cyan = local HCP structure, red = unclassified atoms). The GB plane (indicated by a
dashed black line) is aligned horizontally, and the crystals are rotated such that the coherent and (1 1 1) planes common to both
lattices align (indicated by solid black line in (a’}~(e’)), which are parallel to the coherent twin fault (i.e. cyan atomic planes in the
lower row).

around (1 1 0) crystal axis. From the ¥3 DCP, the GB differently shaded — are shown in Figure 2(a)e) and
dislocation Burgers vectors can be deduced to be Shock- (a')(€'), respectively. Measuring the distance between
ley partial dislocations, with Burgers vectors parallel to ~ each atom in the upper lattice (grain B) with the closest
a perfectly coherent (1 1 1) plane. With these ingredi- atomic position of a hypothetically extended lower lat-
ents, we motivate the structural model for 33 GBs (twin tice (grain A), Figure 2(a)—(e) clearly shows slip traces
boundaries) in FCC metals as illustrated in Figure 1(a) on the (1 1 1) (B) plane in lattice B, which terminate at
for any GB plane. In general, the GB energies and the = the GB. The relative displacements between slip traces
detailed structural units depend on the disorientation and  is equivalent to the Burgers vectors of the partial dis-
the GB plane.[2] The GB normal direction n in lattice location CB,DB,AB in both lattices A or B. Analysis
A is given by n = [h k []4 (indicated by the blue arrow of the GB structure for different GB planes shows that

and dashed blue plane). The intersection with the coher- the constituent structural units — dislocation arrays inter-
ent twin plane (indicated by the red planes), which is connected by planar faults — are unaltered in terms of the
every third (1 1 1) plane (8 plane in Thompson nota- coherent planar twinning fault and Burgers vector content

tion) along the rotation axis € = [1 1 1] in the DCP, (partial dislocations of the ( 1 1 1) (8) plane), although the
determines the average line directions & = £ x n (orange width of the planar twin boundary, and the line direction
arrow in Figure 1(a)) of the constituent GB dislocations, of the dislocations are changing. The partition of the GB
which have a Burgers vector equivalent to Shockley par- plane onto the symmetric-equivalent rotation axes from
tial dislocations of closed-packed (1 1 1) planes parallel  pure tilt towards pure twist GB plane orientation results
to the coherent twin plane. Labeled black lines indicate in a quasi-two-dimensional structure by means of a set of
this array of Shockley partial dislocations, which is per- non-intersecting partial dislocations on planes parallel to
pendicular to coherent twin planes to be consistent with ~ the coherent twin planes, and lying between the coherent
the imposed GB plane. Finally, we note that the proposed twin regions. Moreover, the closer the GB normal direc-
interface dislocation structure has vanishing long-range tion is to the normal direction of the coherent twin plane,
stresses for any GB plane, since these partial dislocations  the longer the coherent twin plane is, which is evident by
(CB,Dg, AB in Thompson notation [1]) have a net zero the larger local HCP structures in the interface model in
Burgers vector b (by + b, +b; =C8+DB+ A =0 Figure 2(a")(¢’).
for a rotation axis @ = [1 1 1]). The total Burgers vector density of the X3 GBs is
Using the embedded atom method potential for zero, and therefore, the motion of the GB with velocity
Cu,[24] MD simulations confirm the proposed structural v, is not geometrically coupled to a shear deforma-
model for ¥3 GBs with different GB normal directions,  tion across the GB with a relative velocity vy, which in
revealing that the structural units comprise a planar twin- case of coupled GB motion normally implies mechani-
ning fault on the common (1 1 1) plane (coherent twin cal shear work being associated with the motion of the
boundary) interrupted by an array of three partial dislo- GBs.[25] Moreover, the ‘dipole’ dislocation structure of
cations on consecutive (1 1 1) planes (‘incoherent’ twin  the 3 GB also allow for an dissociation of the GB under
boundary). In all our MD models, the lattices are ori- applied stress, since the shear stresses cause opposite sign
ented with x = [1 1 1] || [1 5 1], for the upper grain Peach—Koehler forces on the partial dislocations, which
B and lower grain 4. The same GB structures — though again sum up to a net zero Peach—Koehler force. The

222



Mater. Res.

™
&

particle velocity (m/s)

300
o 140 250
£ 120 200
c
S 100 150
B
g 80 100
N
60 50
0
20 40 60 80 100120140 160 180
X position (nm)
(c) shear stress (GPa)
5
140
- ke 4
ERES
c o= 3
S 100 F
D I 2
8 8o
N 1
60

20 40 60 80 100120 140 160 180
X position (nm)

Figure 3.

Lett, 2013

(b)

shock pressure (GPa)

140 14
= 12
E 120 10
S 100 8
‘D 6
g 80 4
N e

60 Hﬁl‘ﬁlﬂ 2

1 1 1 1 1 1 1 0

20 40 60 80 100 120 140 160 180

x position (nm)

—_
(=]
~

Common neighbor analysis

z position (nm)

20 40 60 80 100 120 140 160 180
X position (nm)

(color online) Snapshot of the through-thickness averaged atomic properties at 30 ps, where the shock front (xy-plane)

propagates along the GB (xz-plane). The color scale is given for each property individually. Stresses are estimated from the
virial atomic stress tensor and the equilibrium atomic volume, and the shock direction component and maximum shear stress t
(2t = oxx — 1/2(0yy, + 032)) are shown in (b) and (c), respectively. The white arrows in the upper and lower grains indicate the
shock directions. The shock front is propagating from the left to the right along the GB.

restoring forces between the partial dislocation (twin and
stacking faults, elastic interaction) can reverse the dis-
sociation upon removal of an applied shear stress (see
similar discussion in ref. [26]).

Since the partial dislocations of the incoherent part
of a general 3 boundary are essentially glide dislo-
cations of both adjacent crystals, these dislocations can
easily move when they are subjected to an external stress.
With these structural considerations in mind, Figure 1(b)
illustrates a cross section of the GB structure evolution
upon loading. In analogy to dislocation—dislocation inter-
actions, the arrays of partial dislocations have a strong
anisotropic interaction, which leads to the agglomer-
ation to a larger dislocation array during the process
of individual motion of the GB dislocations. This suc-
cessively activated dislocation motion eventually leads
to the formation of larger facets as a consequence of
GB motion. Generally, for the proposed X3 GB dis-
location model, the relative position of the adjacent
GB dislocations determines whether locally a twin fault
configuration, extended intrinsic/extrinsic stacking fault
configuration, and/or the 9R structure is observed; this is
therefore consistent with published 33 GB structures in
FCC metals.[2,27,28]

4. Shock Response Following the initial loading, a
shock wave develops with different velocities in the lower
and upper grains due to material anisotropy, in order to
maintain the imposed particle velocity behind the shock

front (Figure 3(a)). At the intersection of the shock front
with the GB, scattering waves are emitted, resulting in
trailing waves in both grains.

Figure 3(b) and 3(c) show the cross section of the spa-
tially averaged (3 nm x 3 nm) shock pressure and shear
stress obtained from the MD simulation. In the upper
grain B, the shock velocity in the [1 1 1] direction is
faster than the [1 5 1] in the lower grain A. However, the
rise in the stress state behind the shock front is mainly
caused by the predominately planar propagating wave
fronts in the respective grains. At the interface itself, the
mismatch of the shock front velocities entails an evolving
length scale. The mismatch of the shock front velocities
is closely linked to the anisotropic elastic properties of
the Cu FCC crystal, namely the longitudinal speed of
sound. Moreover, the shock pressure in the upper grain
is higher than in the lower grain, which is consistent with
a uniaxial isostrain loading of the bicrystal setup, since
the elastic constant is higher in the [1 1 1] grain than in
the lower [1 5 1] grain. The GB is exposed to ~ 9 GPa
(= 1.5GPa) and ~ 11 GPa (= 3.5 GPa) shock pressure
(shear stress) in the lower and upper grains, respectively
(Figure 3(b) and 3(c)), which is also a manifestation of
the anisotropic elastic constants and difference of stored
elastic energy. Behind the shock front, the discontinu-
ity in the shock pressure and in the shear stress moves
into the upper grain away from the GB. Inspection of the
averaged CNA (Figure 3(d)) — a measure of defect con-
tent — indicates that this is accomplished via dissociation
of the GB, in addition to the smaller overall motion of
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10 ps
shock direction
S———
20 ps
& 30 ps

Figure 4. Interface morphology viewed from the lower grain
onto the GB. Only non-FCC atoms are shown and colored
according to their z position (white = zo; black = z9 + 5nm).

the interface. Although the GB is moving, no velocity
gradient v is detectable across the moving interface (see
Figure 3(a)), which implies no coupled GB motion behind
the shock front, which is in agreement with the presented
structure model of £3 GBs.

Figure 4 displays the temporal evolution of the
GB position viewed from the lower grain (grain A),
and reveals a continuous motion of the interface dur-
ing shock loading associated with the moving shock
front. With increasing time of exposure to the shocked
state behind the propagating shock front, the size of
the GB facets is increasing, which resembles the facets
observed experimentally.[19] The pronounced crystallo-
graphic terraces of the GB facets are linked to the motion
of the parallel partial dislocations, which are intrinsic to
the GB structure. The dislocation motion results in GB
dislocation agglomeration into dislocation wall arrays, as
indicated in Figure 1.

In addition to the GB motion and faceting, the inter-
face changes by the appearance of a complex structure
of parallel extended coherent stacking/twin faults (cyan
colored atoms in Figure 5(a) and 5(b)) surrounded by cor-
responding partial dislocations (red atoms in Figure 5(a)
and 5(b)) in the upper grain, where the shock prop-
agation direction is along a [1 1 1] lattice direction
(indicated by black arrow). Inspection of the cross section
(Figure 5(b)) demonstrates that the motion of partial dis-
locations, which are intrinsic to the GB structure (initial
line direction £ indicated by white arrow), results in a
collective GB motion into the upper grain. The dissoci-
ation of the GB is mediated by the motion of the partial
dislocations into the upper grain. Note that the resolved
shear stress onto different slip systems would predict only
the dissociation without the biased motion towards the
upper [1 1 1] grain (grain B). The interface moves via a
collective motion of the constituent partial dislocations,
which may result locally in twin faults bounding micro
twins (il in inset of Figure 5(b)), or extended stacking
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faults (i in inset of Figure 5(b)). The collective motion
of these partial dislocations aligns with the habit plane
of the GB dislocations in the structure model, and causes
the macroscopic GB motion indicated in Figure 1(b).

Figure 5(c) shows a cross section of the (non-FCC)
GB atoms for piston velocity u, = 250 m/s (300m/s) as
black (red) atoms, after 30 ps. We note that the higher
driving force (1, = 300 m/s) results in more GB motion,
and therefore a higher GB velocity, which is consistent
with the customary notion of GB mobility.[3] Inspection
of the cross section (Figure 5(b) and 5(c)) also shows that
the GB is pinned by the piston region (left end), which is
a boundary effect of the simulation setup.

The propagating shock wave has two regimes: the
transient loading at the shock front and the approxi-
mately constant loading behind the shock front. Due to
the crystal anisotropy in the longitudinal (shock propa-
gation) direction, the shock front regime is growing in
time as it travels along the GB. The associated shear
wave, which departures from the GB region, imposes an
additional driving force on the GB dislocations. Figure 6
compares the response of the shock front traveling along
the [1 1 1] [1 5 1] with the inverse shock direction
[111]][15 1] in the upper and lower grains, respec-
tively. By inverting the direction, we only invert the sign
of the shear stress resulting from the shear wave at the
shock front, but the stress state behind the shock front is
unaltered. Inspection of the GB response viewed from
the upper grain (grain B) shows that the dissociation
of the GB (and the associated GB Shockley partial dis-
location) is strongly suppressed upon inversion of the
shock direction, suggesting that the GB dissociation is
driven by the shear stresses. However, the GB itself is
moving behind the shock front, suggesting that the GB
motion is mechanically driven by the (approximately con-
stant) elastic anisotropy behind the traveling shock front,
whereas the facet morphology and precise dislocation
motion are strongly affected by transient dynamics at the
shock front.

5. Summary and Discussion With the above consid-
erations — derived from atomistic simulations — we may
explain the experimentally observed change of the GB
morphology. The emergence of boundary facets can be
attributed to the difference in stress state in the adjacent
grains, which differ in the region behind the shock front
compared to the region at the shock fronts. The evolving
shock front imposes a loading heterogeneity, which grad-
ually alters GB morphology with time as the shock wave
travels. The different partition of the GB structural build-
ing block (height of the incoherent and coherent facets) is
equivalent to a rotation of the GB planes without chang-
ing the disorientation of the adjacent crystals. GB motion
is associated with the growth of the incoherent facets,
which can also migrate collectively as a dislocation array.
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Figure 5.

(color online) (A) Perspective view of the GB structure at 30 ps after shock impact. Only non-FCC atoms are shown,

and are colored according to their local crystalline class (cyan = local HCP structure, red = unclassified atoms). The black arrow
indicates the shock direction. The white arrow indicates the line direction of the GB dislocations (see text and Figure 1(a)). (B)
Cross section of the interface (0.5 nm thickness) viewed into the line direction &. The shock front travels from left to right. The inset
shows an expanded view close to the shock front. The extended HCP atomic planes (cyan colored) correspond either to stacking
faults (indicated by i in inset) or twin faults (indicated by ii in inset). The black dashed line indicates the initial GB position.

[111]]][156-1]

[-1-1-1]||[-1-51]
—_—

Figure 6. GB morphology viewed from the upper grain at
the same time of shock duration, with inverted shock direction
in respect to the crystallographic direction. The white arrow
indicates the shock direction. Only non-FCC atoms are shown,
and colored according to their z position (black = initial GB
position, white higher). In the upper panel, the shock direction
is[111]g || [15 1]4 inthe upper and lower grains, respectively.
The lower panel shows the GB motion with the shock direction

is[111]3 || [15 114 inthe upper and lower grains, respectively.

Impurities are assumed to be homogeneously distributed
along the interface, and would therefore not contribute
the gradient in the facet heights. However, we anticipate
impurities as a possible source of pinning strengthening,
which will alter the kinetics and therefore also alter time
scales and critical stresses for the biased GB motion.
Similar to the effect of impurities, lattice dislocations
in the adjacent grains serve as pinning points/lines of
the GB motion. In addition, a mismatch of the disloca-
tion density in adjacent crystals can also be envisioned as
a thermodynamic driving force for GB motion. But we
found no experimental evidence that the average spacing
of dislocations in the bulk depends on the propagation dis-
tance of the shock front; hence, the dislocation—interface
interaction is not expected to impose a gradient of the
facet spacing in the X3 GB.
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In summary, shock experiments at ~ 10 GPa peak
stress [19] and MD simulations revealed the GB mobil-
ity of non-coherent ¥£3 GBs in Cu to be kinetically and
structurally possible under relatively weak shock-loading
conditions. The already reported enormous GB mobil-
ity [29,30] of non-coherent 33 GBs can be rationalized
by the mobile GB partial dislocations: (1) which have
a net zero Burger vector, (2) whose individual Burgers
vectors are sessile Shockley partial dislocations in both
adjacent bulk lattices, and (c¢) whose dislocation lines do
not intersect in the slip plane.

Since the ¥3 GBs have a net zero Burgers vector
content, the GB motion does not couple to a shear defor-
mation across the interface region. Additionally, the shear
stress on the GB plane are minimized since GB plane
is perpendicular to the shock-loading directions (uniax-
ial straining direction). Therefore, shear deformation as
thermodynamic driving force may be precluded for the
GB motion observed here. In contrast to the shear defor-
mation in coupled GB motion, the elastic anisotropy, and
hence the energy density difference between the adja-
cent grains, gives rise to a thermodynamic driving force,
which enables the biased motion of GB dislocations into
the grain with the higher stored energy density (here
the [111] grain) without the assistance of diffusion pro-
cesses. Given that the energy density is proportional to
€2 4+ O(e%), the motion should occur into the grain which
is elastically harder (i.e. has a higher energy density), irre-
spective of whether the strain is tensile or compressive.
However, anharmonicity [31] and plastic anisotropy [3]—
the generation of shock orientation-dependent internal
stress states in adjacent grains due to differing dislo-
cation structures [32] — may alter the thermodynamic
driving force at high strains. Compared to coupled GB
motion, where the driving force is proportional to e,
shear deformation across the GB is associated with the
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GB motion, which implies non-zero GB Burgers vec-
tor dislocation tilt content. This is a rare circumstance,
where anisotropic lattice properties result in the mechan-
ical motion of defects on non-diffusive time scales. In
particular, shock compression can produce strains large
enough that the (usually small) elastic anisotropy mis-
match results in strain energies sufficient to produce
athermal defect motion at short-time scales.

This work demonstrates that GBs are not static
structures under shock-loading conditions. Specifically,
non-coherent X3 GBs have a mobility, which in principle
enables the accommodation of heterogeneities resulting
from the differing deformation response of the surround-
ing bulk crystals. This may have implications on the sup-
pression of failure localization (void nucleation), which
is associated with the lack of local stress relaxations
(plastic zones) to accommodate local heterogeneties, in
polycrystalline materials.[17,18]
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